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High-energy ball milling has been performed on FexAl1~x powder mixtures with x\0.75,
0.50, 0.25 and 0.20. X-ray diffraction, Mössbauer spectroscopy and electron microscopy have
been used to characterize the samples milled for different times and annealed in
a differential scanning calorimeter. It is found that, during milling, there is diffusion of both
elements into each other, with a prevalence of iron diffusion into aluminium, at least in the
early stages of the process. This behaviour is more pronounced in the aluminium-rich
samples. The growth of the Fe(Al) and Al(Fe) solid solutions has been observed for x*0.5,
different from the lower iron concentrations where the Fe(Al) phase has not been detected.
The annealing of pre-milled samples favours the formation, depending on the sample
composition and on the annealing temperature, of intermetallic phases such as Fe3Al, FeAl,
Fe2Al5 and FeAl3. 1998 Chapman & Hall

1. Introduction
The discovery that high-energy ball milling and exten-
sive cold rolling of metallic systems are very effective
means for inducing solid-state reactions at near room
temperature has stimulated a lively debate on the
microscopic mechanisms which are operative under
these conditions.

In the case of high-energy ball milling of ductile
components, the repeated process of forging, fractur-
ing and cold welding leads to the formation of par-
ticles showing an irregularly convoluted multilayered
structure which is progressively refined as milling
proceeds [1]. Together with these microstructural
changes, one observes the occurrence of a variety of
solid-state reactions, such as alloying and nucleation
of new phases, which require high atomic mobility and
whose end products are, in many cases, in a meta-
stable state. It has also been shown [2—4] that the
phase transformations induced by extended milling
are different from those observed after pre-milling
followed by heat treatment. Therefore, the former re-
actions can hardly be a consequence of progressive
refinement of the microstructure until the diffusion
length at the effective process temperature becomes
comparable with the average layer thickness. In sum-
mary, the microscopic phenomena which are at the
origin of the solid-state reactions induced by extensive

plastic deformation are not quite understood, parti-
cularly when these reactions take place at rates and in
directions incompatible with a thermally activated
mechanism [5].

Another interesting characteristic of mechanical
alloying (MA) is its ability to produce relatively large
amounts of materials with grain size d;1 lm. Mater-
ials with such a small grain size are referred to as
nanocrystalline materials and have been shown to
have properties of great technological interest [6]. In
particular, the nanocrystalline state improves the
mechanical properties of intermetallic compounds by
relieving, at least in part, the problems associated with
their low room-temperature ductility. A considerable
amount of work has therefore been concentrated on
the synthesis by MA of transition-metal aluminides
and in particular of iron aluminides. Restricting our
attention to the more recent studies of these com-
pounds [3, 4, 7—9], the end result of the milling process
has been found to depend critically on the type of mill
and on the milling conditions particularly in the Al-
rich region [4]. Concerning the Fe-rich region (Fe
concentration of 50 at% or greater) all studies have
shown the formation of a body centred cubic (b.c.c.)
solid solution whose X-ray diffraction (XRD) pattern
shows very little, if any, B2 type of long-range order
and none at all of the D0

3
type. The lattice parameter
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of this phase compared with that of pure a-Fe ex-
pands slightly upon milling notwithstanding a 15%
difference between the atomic radii of Al and Fe.
The measured expansion depends both on milling
conditions and on composition being of the order of
2% at the 50 at % Fe concentration and 1.3% at the
75 at % Fe concentration under dry milling condi-
tions [3] and about 1% at both concentrations under
wet (ethanol) milling conditions [7]. It has also been
observed [9] that the addition of ethanol slows down
considerably the alloying reaction.

In all the experiments performed in the Fe-rich
region, the first effect of milling is the progressive
decrease and the final disappearance of the Al peaks in
the XRD pattern, prior to the nucleation of any new
phase. Rietveld analysis shows that most of this inten-
sity decrease is not accompanied by a significant
change in the lattice parameter of both Al and Fe [7].
It has also been found that the first phase nucleating
upon heating of Fe-rich mixtures pre-milled for suit-
ably short times is the intermetallic compound
Al

5
Fe

2
, followed upon further heating by the forma-

tion of the B2 AlFe phase at the equiatomic composi-
tion and by a disordered Fe(Al) solid solution at 75
at% Fe [3, 7]. This finding establishes conclusively
that, in agreement with literature data about diffusion
coefficients reported in [3], Fe atoms diffuse into Al
during thermally induced alloying.

The disappearance of the Al peaks mentioned above
has been interpreted as an indication that, in the case
of alloying induced by milling, the dominant mecha-
nism is Al migration into Fe [7, 9]. In another study
[3], mainly on the basis of indirect evidence, it has
been deduced that Fe is the dominant moving species
and that the prevailing microscopic mechanism at the
origin of the alloying reaction is the dissolution of Fe
into Al. In the same study the decrease in the Al
intensity has been explained as due to a change in the
effective absorption coefficient caused by a decrease in
the particle size, as explicitly discussed in the case of
Ni—Al [10] and W—C [11]. In fact the examination of
ten binary systems containing equal atomic ratios of
the component elements has shown a consistent trend
that the heavier element persisted in the XRD spectra
while the lighter element did not [12]. This phenom-
enon has been correctly attributed to refinement of the
microstructure of the component elements even if ab-
sorption effects have not been explicitly mentioned.

In view of the conflicting opinions and of the lack of
unequivocal experimental data concerning the course
of the reactions occurring during ball milling of Al—Fe
powder mixtures, we have performed a further study
of these reactions using, in addition to XRD and
differential scanning calorimetry (DSC), transmission
electron microscopy (TEM) as a selective micro-
analytical tool and Mössbauer spectroscopy as an
atomic level probe of the magnetic and structural state
of the iron atoms.

2. Experimental procedure
Al powder of 99.95% purity (particle size, 50—100lm)
and Fe powder of 99.999% purity (particle size,

5—10lm) both by Koch Chemicals were mixed in
compositions with 25, 50, 75 and 80 at% Al. Milling of
these mixtures was performed in steps of 30 min alter-
nated with rest intervals of 5 min, using an air-cooled
Spex 8000 mixer—mill equipped with a hardened steel
vial and two steel balls of 13.5mm diameter and 10 g
mass (ball-to-powder ratio, 6 to 1). To prevent sample
oxidation, the powders were sealed in the vial under
an argon atmosphere and a fresh sample was used for
each ball milling run. Morphological characterization
of the milled particles was performed by scanning
electron microscopy. TEM, Mössbauer spectroscopy
and XRD were used for the microstructural character-
ization, while the thermal stability of the samples was
tested by DSC. The Mössbauer data were recorded at
room temperature by means of a standard spectrom-
eter in transmission geometry using a 57Co source of
about 3 mCi. The spectra were analysed with current
least-squares minimization routines. The isomer shifts
were referred to that of a metallic iron foil. XRD
patterns were obtained using crystal focused and
monochromated Co Ka

1
radiation in a Debye—Scherrer

diffractometer equipped with a curved 120° position-
sensitive detector. TEM observations were performed
with a JEOL 4000 FX microscope equipped with an
energy-dispersive spectroscopy (EDS) facility. The
TEM samples were prepared by placing the powder
between two Al foils 0.5mm thick and then pressing
the composite to a reduced total thickness of about
0.1mm. The powder particles were thus embedded in
the Al matrix from which small discs could be punc-
hed for further thinning by dimpling and for final
polishing by Xe ion beam milling on a liquid-N

2
-

cooled stage. Thermal measurements from 100 to
700 °C were performed in a computer-assisted Perkin—
Elmer DSC7 calorimeter operated in the specific heat
mode at a constant heating rate of 0.25 K s~1.

3. Experimental results
The Mössbauer spectra and the XRD patterns of the
75 at% Fe samples are shown in Figs 1 and 2, respec-
tively. No appreciable variation with respect to pure
a-Fe has been observed in the Mössbauer spectra of
samples milled for 1 h or less in agreement with the
invariance of the lattice spacings observed in the cor-
responding XRD patterns. Note that as reported in an
earlier study [7] the invariance of the Mössbauer
spectra and of the lattice spacings is accompanied by
a marked decrease in the relative integrated intensity
of the Al reflections. After milling for 2 h, the Möss-
bauer spectrum shows that in addition to the sharp
sextet typical of a-Fe there is a doublet with a relative
area (RA) of about 7% which marks the formation of
a non-magnetic phase identified as a disordered solid
solution containing Fe as the minority component.
For longer milling times, in addition to the disappear-
ance of the Al peaks there is also a progressive increase
in the lattice spacings of the b.c.c. phase which, as
previously reported [3], reaches a limiting value of
about 1.3% after milling for 10h. The presence of
a second magnetic component represented by a broad
sextet with a RA of about 50% is observed after
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Figure 1 XRD patterns of the 75 at% Fe samples, showing the Al
(j), Fe(Al) (d) and FeAl (B2) (r) peaks. Curve a, milled for 1 h;
curve b, milled for 2 h; curve c, milled for 5 h; curve d, milled for 2 h
and heated to 430 °C; curve e, milled for 2 h and heated to 700 °C.

milling for 5 h. This component, according to its XRD
pattern, can be identified as an Fe-rich solid solution
with a b.c.c. structure. Heating of the 2 h sample to
430 °C causes the disappearance of the doublet, the
decrease unreacted a-Fe to a RA of about 60%, the
formation of a magnetic phase similar to that ob-
served in the 5 h sample and, finally, the appearance of
a strong singlet. This singlet, comparing its parameters
with literature values [13], can be attributed to a de-
fective FeAlB2 phase, in agreement with the same
conclusion arrived at in an earlier paper on the basis
of the XRD pattern [3]. The Mössbauer spectrum of
the 2 h sample heated to 700 °C is very different. Its
fitting requires four sextets with the parameters
reported in Table I. According to Gao and Fultz [14],
these sextets correspond to ferromagnetic Fe in differ-
ent b.c.c. environments characterized by a number of
Al nearest neighbours ranging from one to four. The
information derived from the XRD pattern of this
sample is much more limited, showing only the forma-
tion of an almost completely disordered b.c.c. solid
solution. The Mössbauer data of all samples examined
in the present study are collected in Table II.

The Mössbauer spectra and the XRD patterns of
the equiatomic samples are shown in Figs 3 and 4,
respectively. After milling for 3 h, one observes the
presence of a doublet and of a broad sextet corres-
ponding, as in the 75 at% Fe samples, to a disordered
non-magnetic Al-rich and to a disordered magnetic
Fe-rich solid solution. The spectrum of the 5 h sample
shows, in addition to the components observed in the
3 h sample, a singlet ascribed to the FeAlB2 phase
with structural defects as indicated by the relatively
large linewidth. The RA of the sharp sextet decreases

Figure 2 Mössbauer spectra for the same samples as in Fig. 1.

TABLE I Computed hyperfine Mössbauer parameters of 2 h 25
at% Al—75 at% Fe sample after annealing to 700 °C: isomer shift d;
linewidth ! (! which as been constrained to the same value for every
sextet); hyperfine internal field B

)&
; relative subspectral area RA;

number x of nearest-neighbour Al atoms according to [14]

d ! B
)&

RA x
(mm s~1) (mm s~1) (T) (%)

0.06 0.32 30.4 28 1
0.07 0.32 28.1 18 2
0.11 0.32 25.4 20 3
0.18 0.32 21.5 34 4

with increasing milling time from 3 to 10h and this
decrease is almost completely made up for by an
increase in the RA of the singlet which, in the 10h
sample, is the main component. At this composition,
both magnetic components disappear after milling for
30 h so that only the singlet and the doublet are
observed. The same components, with different hyper-
fine parameters and RAs, are observed in the spectrum
of the 10h sample heated to 700 °C, in which the
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TABLE II Computed hyperfine Mössbauer parameters of the analysed samples: isomer shift d; linewidth !; quadrupole splitting *; average
hyperfine internal field SB

)&
T; relative subspectral area RA.

Sample MA Annealing Singlet Doublet Broad sextet Sharp sextet
time temperature
(h) (°C) d ! RA (d) * ! RA SB

)&
T RA RA

(mm s~1) (mm s~1) (%) (mm s~1) (mm s~1) (mm s~1) (%) (T) (%) (%)

Fe
75

Al
25

1 — — — — — — — — — — 100
2 — — — — 0.22 0.37 0.56 7 — — 93
5 — — — — 0.22 0.37 0.56 12 25 52 36
2 430 0.25 0.47 25 — — — — 26 12 63
2 700 — — — — — — — — — (see Table I)

Fe
50

Al
50

3 — — — — 0.22 0.45 0.47 17 26 34 49
5 — 0.25 0.46 14 0.22 0.43 0.41 31 24 30 25

10 — 0.25 0.47 34 0.21 0.40 0.39 30 20 28 8
30 — 0.23 0.44 33 0.19 0.40 0.46 67 — — —
10 700 0.26 0.28 58 0.22 0.29 0.28 42 — — —

Fe
25

Al
75

10 — — — — 0.20 0.46 0.25 45 — — 55
20 — — — — 0.24 0.50 0.40 89 — — 11
20 700 — — — 0.24 0.43 0.33 100 — — —

Fe
20

Al
80

20 — — — — 0.19 0.44 0.38 66 — — 34
50 — — — — 0.21 0.54 0.40 100 — — —
20 700 0.22 0.26 35 0.21 0.39 0.24 65 — — —

Figure 3 XRD patterns of the equiatomic samples, showing the Al
(j), Fe(Al) (d) and FeAl(B2) (r) peaks. Curve a, milled for 3 h; curve
b, milled for 5 h; curve c, milled for 10 h; curve d, milled for 30h;
curve e, milled for 10 h and heated to 700 °C.

sharp singlet of the FeAlB2 phase predominates.
Particularly significant is the evolution of the hyper-
fine field distribution of the broad sextet displayed on
the right-hand side of Fig. 4 which corresponds to an
increase in the Al content in the disordered Fe-rich
b.c.c. phase with increasing time of milling. The XRD
patterns of these samples show the progressive
decrease in the intensity of the Al peaks together with
an increase in the lattice spacings of about 2%. A very
weak (1 0 0) superstructural reflection is observed in

the 10 h sample while the Mössbauer spectra, more
sensitive to local order, show the formation of B2
nuclei already after milling for 5 h.

The Mössbauer spectra and the XRD patterns of
the Al-rich samples are shown in Figs 5—8. At both
compositions there is no appreciable growth of the
broad sextet corresponding to the Fe-rich magnetic
component. The main phase change corresponds to
a decrease in the sharp sextet of a-Fe and to the
growth of a doublet whose parameters at both com-
positions and for all milling times are similar to those
reported for the Al

5
Fe

2
compound [13]. For the 75

at% Al composition the doublet is observed with
a RA of about 45% in the sample milled for 10 h, for
which no evidence of the Al

5
Fe

2
phase is found in the

XRD pattern. This discrepancy, which has been
checked repeating both the Mössbauer and the dif-
fraction spectrum, can be explained by the higher
sensitivity of Mössbauer spectroscopy to local ar-
rangements as recalled above. The difficulty of inter-
preting XRD patterns arising from partially ordered
structures is clearly evidenced by the 80 at% Al
sample milled for 50 h whose local structure of the
Al

5
Fe

2
type can only be deduced from the Mössbauer

spectrum. Good agreement between the Mössbauer
and the X-ray results is observed in the samples heated
to 700 °C which appear to be single-phase Al

5
Fe

2
at

75 at% Al and single-phase Al
3
Fe at 80 at% Al.

The morphology of the powders is presented in
Fig. 9 which shows three scanning electron micro-
graphs at different milling times and compositions. At
both the 75 and the 50 at% Fe concentrations the
convoluted microstructure is observed to be well de-
veloped after milling for 2 h with a comparable degree
of refinement of the lamellae. In contrast, the sample
milled for 1 h appears to be much coarser and in-
homogeneous. The same features appear on a finer
scale on two transmission electron micrographs
shown in Fig. 10. The TEM observations, performed
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Figure 4 Mössbauer spectra for the same samples as in Fig. 3. The hyperfine field distributions of the broad magnetic component are
displayed on the right-hand side.

on an Fe-rich sample milled for 1 h and on an equi-
atomic sample milled for 2 h, were aimed at studying
the early stages of the alloying process. In order to
obtain significant analytical data, the multilayer was
aligned as carefully as possible with the interfaces
parallel to the electron beam. A small beam with
a spot size of a few tens of nanometres was used to
collect simultaneously the X-ray emission spectrum
for chemical analysis and the electron diffraction pat-
tern for phase analysis.

The equiatomic sample showed a lamellar structure
with light and dark areas. The observed contrast did
not change appreciably upon small variations in the
angle between the electron beam and the normal to
the sample surface, thus indicating the contrast vari-
ation to be of chemical origin rather than diffraction.
This conclusion was confirmed by EDS analysis which
showed systematically a much higher Fe content in
the dark areas than in the light areas. The iron content

was measured scanning the electron beam along a
direction perpendicular to the interfaces and in the
case of the dark areas was essentially constant inside
each lamella. A limited variation, however, was ob-
served in different lamellae, with the Fe content
ranging between 90 and 100 at% in all measurements
and being of the order of 98—99 at% in many cases.
The measurements performed on the light areas gave
very different results, showing a large variation in the
Fe content inside each lamella and in different lamel-
lae. The iron content ranged between 15 and 50 at%
and in no case was it possible to find a spot consisting
of only pure Al. No conclusive evidence was obtained
from the microdiffraction patterns which in almost all
cases consisted of more than one nanocrystalline
grain. This fact coupled with the coincidence of the Fe
lattice spacings with most of the Al spacings prevented
a clear identification of the crystal structure of
both areas. Microdiffraction patterns recorded placing
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Figure 5 XRD patterns of the 75 at% Al samples milled for different
times and after heat treatment, showing the Al (j) and Fe(Al) (d)
peaks.

Figure 6 Mössbauer spectra for the same samples as in Fig. 5.
The weak outer doublet in the Mössbauer spectrum of the
10h sample corresponds to the inner lines of the sharp sextet of
unreacted iron.

the beam across an interface failed to reveal any of the
intermetallic phases of the Al—Fe system.

The microstructure of the Fe-rich sample milled for
1 h is much less regular with only a few areas showing
a lamellar structure on a fine scale. It was also much
more difficult to align the lamellae along the electron
beam so that both the analytical and the structural
data may not refer to a single lamella. The Fe content
of the dark areas ranged also in this sample between

Figure 7 XRD patterns of the 80 at% Al samples milled for different
times and after heat treatment.

Figure 8 Mössbauer spectra for the same samples as in Fig. 7.
The weak outer doublet in the Mössbauer spectrum of the
20h sample corresponds to the inner lines of the sharp sextet of
unreacted iron.

90 and 100 at% with a majority of values close to 100
at%. The Fe content of the light areas, on the con-
trary, was even more variable than in the equiatomic
sample. In many cases, one could observe in the cor-
responding microdiffraction pattern the (111) spot of
Al with a lattice spacing of 0.23 nm, thus showing that
the crystal structure of the light areas was totally or in
part face-centred cubic. In the same areas, similar to
the observations performed on the equiatomic sample,
it was impossible to find a spot consisting of only pure
Al whose concentration was never found to exceed
approximately 80 at%.
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Figure 9 Scanning electron micrographs of (a) 25 at% Al—75 at%
Fe milled for 1 h, (b) 25 at% Al—75 at% Fe milled for 2 h and (c)
50 at% Al—50 at% Fe milled for 2h.

4. Discussion
The results of the present study, coupled with those of
previous investigations [3, 4], allow a fairly complete
description of the phase transformations induced by
high-energy ball milling of Al—Fe powders and the
identification of the main microscopic mechanisms
which influence the course of the observed solid-state
reactions. In accordance with the conclusions reached
in previous studies [3, 4, 10—12] the Mössbauer
spectra and the scanning electron micrographs of the
Fe-rich and of the equiatomic samples show that the

change in the relative intensities observed in the XRD
patterns recorded during the first stages of milling are
due to a large extent to microstructural refinement.
The alloying reaction proceeds at an appreciable rate
after an incubation time (corresponding to the forma-
tion of a sufficiently refined multilayered structure)
depending on composition and milling conditions.
The influence of the Al concentration on the interdif-
fusion rate has already been mentioned in the intro-
duction. In particular, a calorimetric study reported in
Fig. 11, shows that, upon heating of the samples to
700 °C, there is no appreciable heat release in 75 at%
Al—25 at% Fe samples milled for at least 20 h. The
same feature is observed in the equiatomic samples
milled for 10 h and, for the 75 at% Fe composition, in
samples milled for only 5 h. Fig. 11 shows also that for
the 80 at% Al composition there is still a substantial
heat release upon heating of a sample milled for 50 h.
Considering that the absence of a significant heat
release during DSC heating is an indication that most
of the interdiffusion process has already occurred dur-
ing milling, the above calorimetric observations point
to a considerable decrease in the rate of interdiffusion
with increasing Al content, in agreement with the rate
of change in the Mössbauer spectra observed in the
present study. The Mössbauer spectra and the results
of EDS microanalysis allow one also to assess the role
played by Al and Fe atoms in the interdiffusion pro-
cess. The first component which is observed to grow in
the Mössbauer spectra of the Fe-rich samples is a non-
magnetic phase with an Fe content below about 50
at% as a result of Fe diffusing into Al. Together with
this component (according to [7]) or immediately
after (according to the present experiment), one ob-
serves the growth of a magnetic component character-
ized by a broad hyperfine field distribution identified
as an Fe-rich solid solution growing as a result of Al
diffusion into Fe. The spectrum recorded after heating
the 2 h sample to 430 °C (Fig. 1d) shows the formation
of a cubic non-magnetic component, which can be
ascribed to a defective AlFe B2 phase, as a result of
further diffusion of Fe in the Al-rich phase, together
with the appearance of the broad sextet of the Fe-rich
phase. In summary, one has that diffusion of both
elements is operative at this composition in both the
thermally activated and the mechanically assisted con-
ditions. A similar situation occurs at the equiatomic
composition where one observes the growth of a non-
magnetic phase as a result of Fe diffusing into Al and
of a magnetic phase, whose Al content increases with
milling time, as a result of Al diffusing into Fe. The
same components have been observed also in the
equiatomic samples of [7] with the formation of the
magnetic phase delayed with respect to the non-mag-
netic phase. For longer milling times, the present sam-
ples show the formation of another non-magnetic
component identified as a defective AlFe B2 phase,
not observed in the Mössbauer spectra reported in [7]
for samples milled up to 32 h with ethanol. An increase
in the amount of the B2 phase is observed after heat-
ing to 700 °C the sample milled for 10h in accordance
with similar results reported in [7]. Notwithstanding
considerable sharpening of the XRD patterns, the
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Figure 10 Bright-field transmission electron micrographs of (a) 25 at% Al—75 at% Fe milled for 1 h and (b) 50 at% Al—50 at% Fe milled
for 2 h.

Figure 11 DSC thermograms of (a) 25 at% Al—75 at% Fe milled for
5 h, (b) 50 at% Al—50 at% Fe milled for 10 h, (c) 75 at% Al—25 at%
Fe milled for 20h, and (d) 80 at% Al—20 at% Fe milled for 50h.

Mössbauer spectra show that, both for this and for the
Fe-rich composition, heating to 700 °C is not sufficient
for homogenization of samples pre-milled for short or
intermediate times, thus stressing the importance of
a local probe for revealing structural details due to
local disorder.

Contrary to the above results, the formation of the
Fe(Al) solid solution is not observed at the 75 and 80
at% Al compositions, even for milling times suffi-
ciently short that the parent elemental phases have not
yet been entirely consumed. The parameters of the

non-magnetic phase which develops during milling
are close to those of the Al

5
Fe

2
compound, thus show-

ing that the prevailing mechanism operating in these
samples is diffusion of Fe into Al.

Further evidence relative to the asymmetry in the
diffusion rates of Al and Fe has been obtained by EDS
microanalysis which shows that the concentration of Al
into Fe is lower than the concentration of Fe into Al
for both the Fe-rich and the equiatomic compositions.

5. Conclusions
In conclusion, the results obtained by Mössbauer
spectroscopy and by EDS microanalysis show that
during high-energy ball milling of samples containing
50 or 75 at% Fe there is diffusion of both elements
into each other with an indication that at least in the
early stages of milling the concentration of Fe into Al
grows at a faster rate than the concentration of Al into
Fe. This feature is exhibited to an even greater extent
by the Al-rich samples where the only reaction detec-
ted by Mössbauer spectroscopy is the formation of
a non-magnetic phase whose composition and local
coordination is similar to Al

5
Fe

2
. A final remark con-

cerns the 75 and 80 at% Al samples whose different
behaviour with respect to ball milling and heat treat-
ment have already been reported [4]. Milling of the
75 at% Al—25 at% Fe samples leads to the nucleation
of the Al

5
Fe

2
phase which is the only phase detected

by XRD after milling for a sufficient time or after
heating to 400 °C. Milling of the 80 at% Al—20 at% Fe
samples, in contrast, leads to the formation of an
ultrafine-grained phase with coherent domains of
d+1—2 nm whose structure is very difficult to define
on the basis of XRD or electron diffraction, but which
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appears to have a local coordination similar to Al
5
Fe

2
according to Mössbauer spectroscopy. This phase is
observed in the XRD patterns of samples heated to
430 °C but transforms to the Al

3
Fe phase after heating

to 700 °C. All these transformations are observed in
the corresponding Mössbauer spectra, thus confirm-
ing that, as discussed in [4], the nucleation of Al

3
Fe

proceeds always through the transformation of an
intermetallic compound and that neither ball milling
nor heat treatment is able to induce its nucleation
from the elemental powders.
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